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Synopsis

Three low density polyethylenes, one long branched (A) and two linear (B and C), have been
solid-state-extruded at several constant temperatures from ambient to 80°C and to draw ratios
< 8. The initial densities and melt indices of A, B, and C are 0.920, 0.920, and 0.935 g/cm3,
and 1.9, 0.8, and 1.2, respectively. Melt-crystallized cylindrical billets were extruded through
conical dies in an Instron Capillary Rheometer. The linear polymers were found to draw by
extrusion more readily than the branched; all three strain-harden. Density, birefringence,
tensile, and thermal properties have been evaluated as functions of extrusion temperature
and draw ratio. Despite a measured loss via die swell, substantial orientation takes place
during solid-state extrusion as evidenced by increases in transparency, birefringence, and
tensile modulus (up to 4.5 times that of the original isotropic polymer). Depending on the
polymer and the draw temperature, density does go through a minimum or shows a monotonic
increase with draw by extrusion. A minimum in modulus is also observed at low draw and
at all draw temperatures for all three polymers. The highest tensile moduli achieved are 0.73,
0.46, and 1.5 GPa for A, B, and C, respectively, at their highest draw ratio. The melting point
for polymer B decreases with extrusion draw ratio, whereas it remains constant after a small
initial drop, for the two others. For all three low density polyethylenes, birefringence increases
rapidly with extrusion draw and then levels off at high draw. The birefringence limit is similar
for A and B, i.e., 0.046 + 0.004, but higher for C, i.e., 0.068 + 0.009. This work extends beyond
others in that it studies the effect of short as well as long branches in solid-state extrusion
by comparing the linear and long branched LDPE polymers and LDPE with prior evaluations
of HDPE.

INTRODUCTION

The crystalline (solid) state extrusion of several thermoplastics has been
studied extensively over this past decade for the purpose of producing an-
isotropic morphologies. Despite the fact that low density polyethylene
(LDPE) is the largest volume thermoplastic in the world,! it has been utilized
in only a few such studies: note the solid state and hydrostatic extrusions
by Buckley and Long? and by Alexander and Wormell,® respectively. The
advent of linear LDPE resins has opened new opportunities for studying
the effect of short as well as long branches in solid state extrusion. Thus,
the purpose of this study is not only to evaluate the property changes
achieved through uniaxial extrusion draw of three polyethylenes, but also
to compare the linear and long branched LDPE polymers and also LDPE
with prior evaluations of HDPE.+!% Consideration will also be given to the
differences and similarities between solid-state extrusion and cold drawing
in inducing high uniaxial orientation. Four principal methods of charac-
terization were used: thermal analysis, density, tensile, and birefringence
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measurements. The variables of draw were extrusion temperature and draw
ratio. Additional properties such as die swell and transparency are consid-
ered.

EXPERIMENTAL

Polymer Materials

Three polyethylenes were used in this study: one long branched (LDPE)
and two linear low density polyethylenes (LLDPE). Their properties, as
provided by the producers, are listed in Table 1. In the text, these polyeth-
ylenes are referred to as A, B, and C. A is the polymer with long branches
whereas B and C are linear polymers with short branches obtained in a
low pressure reactor. The choice of these three polymers enables us to
investigate the influence on the extrusion process and consequent polymer
properties of (i) long chain branching, on comparing A and B which have
the same crystallinity and (ii) short chain branching content by comparing
B and C which exhibit different fractional crystallinities. We have also
extended the comparison to high density polyethylene for which abundant
information literature is available.

To estimate the polymer molecular weights, a relation [eq. (1)] between
the number average molecular weight (M,) and the melt flow index (MI)
has been used. This correlation has been previously applied to low density
polyethylenes.'® As the density increases, number averages calculated from
eq. (1) will err on the high side.!® This means that the M, in polymer C is
likely slightly lower than 34,000:

(M,)* = 188 — 30 log(MD) 1

Billet Preparation

The cylindrical billets to be extruded were prepared in the barrel of an
Instron capillary rheometer. The original polymer was melted under a
pressure P, at a temperature T, above its melting point. To avoid the for-
mation of voids, it was then recrystallized by cooling while still under the
same pressure P, The cooling rate did not exceed 1°C/min. The pressure
was then released at a temperature T, below its ambient pressure melting
point. The preparation conditions are summarized in Table II.

Extrusion Draw Process

The extrusion was carried out in the Instron Rheometer at four different
constant temperatures, all below the ambient melting point: room temper-
ature, 40, 60, and 80°C for each of the three polymers. The billet was pushed
through a brass conical die of entrance angle 20° at constant speed. The
length-to-diameter (L/D) of the die capillary was kept at 2.0. The pressure,
which varies with time, is chart-recorded. The extrusion rate, which is used
along with the Instron speed to determine the extrusion draw ratio, is
determined by following the motion of the extrudate using a cath-
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TABLE I
Characteristics of Polyethylene Samples Studied
p _ Crystallinity

Sample Type Grade Manufacturer (g/cm®) MI? M)y (%F

A LDPE Alathon DuPont 0.920 1.9 32,000 49

20
B LLDPE FW 1290 CdF Chimie 0.920 0.8 36,000 49
C LLDPE FW 1180 CdF Chimie  0.935 1.2 34,000 59

a ASTM D 1238, Melt Index.
b Calculated from eq. (1).
¢ Calculated from density.

etometer. In order to keep the extruded strand straight, a small weight of
ca. 260g is attached to it. The tensile force developed is negligible compared
to the extrusion pressure. A micrometer was used to measure the extrudate
diameter.

Measurements

The density of the extrudates was measured in a density gradient column
using a mixture of water and isopropanol with calibrated glass floats at 23
+ 0.1°C. The melting point and the heat of fusion were measured using a
Perkin-Elmer DSC-2. The calculations were made by a TADS computer.
Two standards—naphthalene and indium—were used for temperature cal-
ibration. All measurements for the three polymers were made at a heating
rate of 10°C/min. The melting point (MP) was defined as the peak value of
the fusion curve.

The tensile properties of polymers A, B, and C were measured by a re-
laxation modulus in tension instead of the conventional Young’s modulus
for the following reasons:

(i) The initial region of the stress strain curve for these samples is not
linear even at ¢ < 0.1%.

(ii) Most of the extrudates are curved, adding uncertainty.

(iii) Extrudates are linearly viscoelastic within an uncertainty of less than
15% for strains € < 1%.

The relaxation moduli were measured by carrying out a ramp-loaded
stress relaxation test'” on an Instron at room temperature using a strain
gauge extensometer of 25 mm gauge length. The sample is stretched at a
speed of 0.05 cm/min for 1 min. The machine is then stopped, and the
sample is allowed to relax while the strain is kept constant. The stress—
relaxation modulus is calculated by dividing the stress recorded after 4 min

TABLE I1
Billet Preparation Conditions
Polyethylene P, (MPa) T, O T, C)
A 150 172 80
B 64 162 85

C 64 162 85
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of relaxation at the constant strain. The initial gauge length of all samples
were 5 cm and the strain rate ~10-4 s-1.

Birefringence was measured using a Zeiss Calspar tilting compensator
with a Zeiss polarizing microscope and a white light source (5500 A wave-
length). The total birefringence An; of the extrudates was evaluated from
the following equation?®:

R
Anng-h (2)

where d is the sample thickness, R the retardation, and A the wavelength.
Thin samples for testing were cut from the extrudates using either a razor
blade (for polymer A) or a rotary microtome with glass knives (for polymers
B and C). The second method induces some orientation effects.’® Conse-
quently, the uncertainty in the birefringence is as high as 20% at low draw
ratios for samples B and C.

EXTRUSION CHARACTERISTICS

Our goal is to produce flawless extrudates at the highest possible draw
ratios (DR) for the extrusion temperatures studied. At high extrusion ratio,
the back pressure becomes so large that instabilities take place, giving rise
to irregularities in the extrudates. The ratio between the entrance and the
exit cross-sectional areas of the die expresses the extent of deformation and
is referred to as the draw ratio (DR). The final product, re the extrudate,
is characterized by three parameters: DR, the temperature of extrusion,
T.., and the plunger velocity. The draw ratio is related to strain by eq. (3)
where [ and [; are the lengths of, respectively, the extrudate and the billet:

strain € = lnl—l = LNDR 3
0

There is a marked increase of extrusion pressure with strain. This in-
crease is particularly steep at low temperatures of extrusion. The same
trend has been observed during hydrostatic extrusion of linear PE by Cap-
paccio et al.!® and by Takayanagi,?® who interpreted it as a strain-hardening
phenomenon. Strain hardening is an indication of the change in polymer
structure from lamellar to fibrillar. Hence, more strain hardening means
that more crystal bridges or tie molecules are formed during plastic defor-
mation.? At lower temperatures, the deformation efficiency is higher—i.e.,
less viscous dissipation—-and strain hardening sets in earlier. The linear low
density polyethylenes (B and C) draw more easily than the one with long
branches (A). The extrusion velocities for the former are five times higher
than that for the latter with the extrusion pressures of the same order.
Long chain branching probably accounts for this large difference since the
fractional crystallinity is the same in A and B—i.e., similarity in short
chain branch content—and the molecular weight is lower in the former.
Polymer C strain-hardens more readily than B of lower crystallinity (59%
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and 49%, respectively). Polymer B has a higher short branches content and
a higher molecular weight (34,000 and 36,000, respectively). Both large side
groups and molecular weights reduce plastic deformation rates.? Conse-
quently, the transformation from lamellar to fiber structure takes place
more readily in C than in B, thus explaining the more rapid strain hardening
in the former.1*? Figure 1 shows the extrusion behavior for sample C.

The onset of flaws in extrudate is usually associated with instabilities in
the pressure which starts fluctuating in a sinusoidal fashion. The more
pronounced the fluctuations, the more severe the flaws in the extrudate.

There is an increase in optical transparency with DR. This is associated
with higher orientation at higher draw ratio. Polymers A, B, and C can be
satisfactorily extruded in a single stage to draw ratios of respectively 6.0,
7.0, and 8.0 over the temperature range studied before severe flaws occur.
Similar limitations have been observed for LDPE by Buckley and Long?
and by Alexander and Wormell.? The latter attribute the cracks observed
to melt fracture. Hope and Parsons®? concludes that the instabilities are
caused by partial melting. The authors explain this by a temperature rise
due to heat of deformation. Shear failure under compression is more likely
the cause; cracks propagate helicoidally at ca. 45°C.

The expansion of the extrudate at the exit of the die, or die swell, is
defined as follows:

DS (%) = d ; dy X 100% @
(4]

where d and d, are the diameters of the extrudate and the die capillary
respectively. Die swell as a function of temperature is plotted in Figure 2.

Die swell is a measure of the recovery of the elastic energy stored in both
the capillary and its entrance zone.?* Since this expansion occurs below the

200

150

100

50

EXTRUSION PRESSURE (MPa)

L

L 1 1

] |f3 |‘5 If7 1.9
STRAIN (LnDR)
i A

3.0 4.0 5.0 GJ.O 7.0
DRAW RATIO

Fig. 1. Sample C extrusion pressure versus strain at indicated extrusion temperatures.
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Fig. 2. Extrudate die swell for sample A versus extrusion temperature for the draw ratios
shown.

DIE SWELL (%)

melting point and above 7, die swell represents the elastic recovery of the
amorphous component. Therefore, die swell in solid-state extrusion is small
as compared to that in melt extrusion. Thus, the amount of die swell depends
on the mobility of the amorphous chains, i.e., their ability to shrink back
under ambient pressure and extension temperature.

Die swell for samples A and B goes through a minimum with increasing
extrusion temperature whereas for C it simply decreases over the range
studied. The same behavior as that of A and B is observed by Alexander
and Wormell® for LDPE. This behavior may be the result of two competing
effects: the increased mobility of the chains on the one hand and the reduced
deformation efficiency on the other hand.

Below the temperature of minimum swell, elastic recovery decreases with
increasing draw ratio. Comparable observations have been made on both
low? and on high density PE.?2 In the extrusion-drawn polymer, the tie
molecules are taut and tend to relax upon release of the stress at the exit
of the die. However, their mobility is more efficiently blocked, and a portion
may be crystalline as the extrudion draw ratio is increased.?+26

The nominal draw ratio, i.e., die area ratio (DR), is usually larger than
the effective draw ratio, that is, the extrusion draw ratio (EDR), because
of die swell. The latter is a loss of orientation. Since we want to correlate
extrudate properties to the actual extent of deformation, all measured prop-
erties will be reported as a function of EDR instead of DR. EDR was de-
termined by the ratio of cross sections of the billet and the extrudate.

PROPERTIES

Using a two-phase model, the degree of crystallinity was computed from
density according to the following equation?”:

X, = crystallinity (%) = 2. g_—‘; X 100
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p = measured density (g/cm?3) 5)
p. = crystalline density = 1.000 g/cm3 28

p. = amorphous density = 0.855 g/cm? 28

The changes in overall apparent crystallinity with extrusion draw are
small, i.e., < 4%. Density as a function of extrusion temperature and draw
ratio is shown in Figure 3 for sample B. The density goes through a min-
imum with increasing draw ratio for all three polymers and for all draw
temperatures except at 60 and 80°C for sample A and 80°C for B. A minimum
in density is also reported by DeCandia et al.?® for cold drawing of LDPE.

Chuah et al.? observed density minima with draw for solid-state extrusion
of HDPE. They explain it by the combination of two opposing processes:
The crystalline density decreases while the amorphous density increases
with draw, in accord with Glenz et al.® At high draw, the amorphous density
becomes the determining factor. Hence, the larger the amorphous content—
i.e., the lower the degree of crystallinity—the larger the effect on macro-
scopic density. Table III shows that the increase in density is dependent
upon the crystallinity of the undrawn material. At higher extrusion tem-
peratures, annealing becomes significant. Above the temperature at which
the density decrease ceases, crystals of more perfection may be produced
by the combination of annealing and high draw and thus may also con-
tribute to the density increase. In any case, at higher draw temperatures,
a real increase in crystallinity is observed.

Using the same two-phase model as for crystallinity from density, one
can calculate the apparent percent crystallinity knowing the heat of fusion,
as determined from the area of the fusion curve. The degree of crystallinity
in percent is defined as follows3!:

AH
AH,

% crystallinity =

0.9280

0.92601

0.92401

DENSITY (g/em®)

0.9220+

EXTRUSION DRAW RATIO
Fig. 3. Density of sample B extrudates versus EDR at the extrusion temperatures shown.
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TABLE III
Overall Density Change

Crystallinity (%)®

Sample at EDR = 1.0 T €O EDR,.., Ap (g/cm?pP
A 51 80 5.6 +0.0034
B 52 80 6.4 +0.0044
C 61 80 7.6 +0.0019

HDPE 1¢ 74 90 14 —0.002

HDPE 2¢ 82 100 16 —0.005

= From eq. (10).
>Ap = p(EDR,,,) — p(EDR = 1.0).
< HDPE samples showing a minimum in density with draw. Data from Ref. 8.

where AH is the heat of fusion of the partially crystalline specimen and
AH, the heat of fusion of the perfect crystal.

The values are computed using a value of 69.2 cal/g for AH,1915 There
are no appreciable changes in crystallinity with either draw ratio or ex-
trusion temperature for all three polymers except for polymer A at DR =
7.0, Bat DR = 7.0, 8.0, and C at DR = 9.0 at a temperature extrusion of
80°C. Despite the large deviations, i.e., up to 13%, between the values of
crystallinity determined from heat of fusion and those from density, the
two methods still show comparable trends. The large difference between
crystallinities from density and heat of fusion stems most likely from the
fact that the value 69.2 cal/g is too high for LDPE. The increase in crys-
tallinity at higher extrusion draw and temperature support the previous
conclusion.

The melting point is designated by the peak value of the fusion curve.
Figure 4 intercompares this melting point as a function of extrusion draw
ratio for the three polymers extruded at 80°C. The melting point for samples
A and Cdrops at EDR > 2.0 and then remains constant. For B, MP decreases
regularly with extrusion draw. There is, though, little temperature de-
pendence of MP.

The melting of low density polyethylenes as a function of extrusion draw
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Fig. 4. Peak melting versus EDR for samples A, B, and C extruded at 80°C.
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TABLE IV
Polymer A Extruded at DR = 6.0 and T = 40°C
Scanning rate (‘C/min) MP (C)
10 109
40 113
80 121

differs markedly from that of HDPE, for which the melting point is reported
to increase modestly with draw.®-1132-3¢ Buckley and Long? also observed no
appreciable change in the melting points for LDPE.

Just as for drawn HPDE,*12343 our polymers seem also to superheat.
Polymer A extruded at DR = 6.0 and T = 40°C is shown as an example
in Table IV. These values have not been corrected for the instrument lag.
Yet, they are still lower than those reported by Mead and Porter® for HDPE,
i.e. ~ 20°C increase in MP going in scanning rate from 10°C/min to 80°C/
min. This may mean that superheating effects of LDPE are small compared
to those of HDPE. Double melting peaks are a notable characteristic of the
fusion curves, especially for polymer B (see Fig. 5). However, their appear-
ance is not reproducible, nonetheless there are trends in melting behavior:
irregularities in the endotherm shape showing up on EDR ~ 3.0, with the
most conspicuous feature being an increasing sharpness and smoothness of
the melting peak at higher draw. Multiple melting peaks for drawn
PE314323637 gand other polymers®% have been reported.

The tensile modulus, E, varies similarly with EDR for all three low density
polyethylenes. After going through a minimum at near EDR = 2, the
modulus increases markedly with extrusion draw. The overall increase is
up to 4.5, 2.5, and 4.0 times that of the original isotropic polymers for A,
B, and C respectively. There is also a minor but clear dependence of modulus
on extrusion temperature. At higher extrusion draw ratios and for the lower
crystallinity polymers, A and B, E decreases with increasing extrusion tem-
perature. Polymer A (Fig. 6) shows the most rapid increase in modulus with
draw. Although undrawn A has a lower modulus, it reaches a higher value
than its linear counterpart B. That C reaches higher values than the former

ENDOTHERM —

i 1 I i 1

s ) 1 L L
50 60 70 80 90 100 110 120 130 140

TEMPERATURE (°C)
Fig. 5. DSC endotherms for sample B extruded at 80°C at indicated EDR.
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Fig. 6. Tensile modulus versus EDR for sample A. T, °C): (&) 22; (@®) 40; (L)) 60; (@) 80.

stems more from its higher ductility at these conditions than from its higher
crystallinity.

The effect of extrusion draw on tensile modulus for LDPE differs from
that for HDPE.! In the latter case, the modulus increases slowly at draw
ratios less than 10-15 whereas at higher draw ratios, the modulus increases
rapidly and linearly with extrusion draw. The minimum in modulus at low
EDR was not observed, in accord with Buckley and Long,? who also found
only a slight increase in tensile modulus on solid-state extrusion of LDPE.
Our results also compare well with those for cold-drawn LDPE#2 including
the anomalous pattern of the minimum modulus which seems to be unique
to low density polyethylene.*® The highest moduli attained are shown in Ta-
ble V which also includes the highest moduli reported in the literature.42-48

An explanation for the minimum has been given by Frank et al.* on the
basis of two mechanisms: c-shear process and twin boundary migration.
The c-axis shear mechanism is related to the mobility of the structure
arising from an appreciable branch content which also gives rise at room
temperature to a low shear modulus on planes along and perpendicular to
the draw direction.*® Ward* showed that the mechanical anisotropy of
LDPE is well predicted by the aggregate model.

TABLE V
Presently Achievable Tensile Moduli of Polyethylene®
Sample Density (g/cm? EDR,.. E (GPa) Reference

A 0.920 4.9 0.73 —

B 0.920 55 0.46 —

C 0.935 6.9 1.5 —
LDPEb — 6.0 0.83 Hadley et al.#
LDPE® 0.915 6.0 <0.75 DeCandia et al.*!
LLDPE: 0914 8.0 1.1 DeCandia et al.#!
HDPE= — 40 70 Zachariades et al.!

» Highly drawn by a very specialized technique, UHMWPE, with a special initial morphology,
was found to exhibit ultra high tensile modulus, i.e., 222 GPa. [T. Kanamoto, A. Tsuruta, K.
Tanaka, M. Takeda, and R.S. Porter, Polym. J., 15, 327 (1983)).

> Cold drawn.

¢Solid state extruded.
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Birefringence has been chosen to assess the extent of orientation during
solid state extrusion of low density polyethylenes because it may be directly
related to the permanent strain.?? Birefringence is the difference hetween
refractive indices along and perpendicular the draw direction. As the chain
becomes more oriented, birefringence An increases as defined by the fol-
lowing equation‘%

An = An,., (1 — E;—sin2 0) 6)

where An,,, is the maximum birefringence of full orientation and 0 the
angle between the chain axis and the draw direction. According to eq. (12),
An initially rises sharply with increasing draw ratio and then turns plateaus
at high draw.#® This is indeed what we observe for our low density poly-
ethylenes (see Fig. 7).

From Figure 7, we can see that, within precision, A and B are indistin-
guishable, whereas C, of higher crystallinity, reaches higher values of bi-
refringence: 0.068 + 0.009. This value may be higher than any other pre-
viously reported for PE but the large uncertainty limits the significance of
this result. In any case, this value is comparable with those obtained for
ultradrawn HDPE fibers!®: 0.062 £ 0.002. The highest value in birefringence
for polymer A is 0.046 + 0.004 at EDR = 4.9 and extrusion temperature
T.. = 22°C, which is comparable to that of cold-drawn LDPE.47498051 Also,
both extruded and cold drawn LDPE show the same pattern in birefringence
change with draw. Therefore, it seems that birefringence is not influenced
by long branching at least not within the precision of our results. There is
a small but clear extrusion temperature dependence of birefringence in the
case of polymer A, but not in that of B or C perhaps because of the large
uncertainty. The higher birefringence at lower draw temperature may be
explained in terms of higher draw efficiency. The lower the temperature
of draw and the higher the fraction of energy input that is stored elasti-
cally.?
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Fig. 7. Birefringence versus EDR for samples A (A), B (M), and C (O) extruded at room
temperature.
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